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The Effect of Heating Rate
on Discontinuous Grain Boundary
Alpha Formation in a Metastable Beta
Titanium Alloy
JUNHENG GAO and W. MARK RAINFORTH
Continuous grain boundary a ( aGB) is often observed in
age-hardened metastable b titanium alloys and plays a
detrimental role in ductility. In this work, we show that
the heating rate to the aging temperature is crucial in
determining the extent of aGB. The extent of aGB is
determined by the extent of formation of isothermal x
at grain boundaries. This new finding is significant for
suppressing continuous aGB formation in aging hard-
ened b titanium alloys.
https://doi.org/10.1007/s11661-020-05856-4
 The Author(s) 2020
Metastable b titanium alloys have been extensively
studied in recent years due to their high strength-to-
density ratio, good hardenability, and excellent fatigue
behavior, which are promising properties for light-
weighting of vehicles with the advent of rapid global
climate change and alarming levels of atmospheric CO2
concentrations.[1–4] In precipitation-hardened
metastable b titanium alloys, the volume fraction and
morphology of a precipitates control the strength level
and hence the strength-to-density ratio.[1,2,5–7] In order
to achieve superfine intragranular a precipitates, exten-
sive studies have focused on the mechanisms and
pathways for the intragranular a precipitation.[1,8–11] It
has been suggested that x phase and/or pseudospinodal
decomposition of b phase is an important part of the
nucleation of a precipitates.[8–10,12–15] Recently, Zheng
et al. reported that x phase provides an extra driving
force for the copious nucleation of intragranular a
precipitates.[9,12,13] They suggested that low heating rate
leads to the formation isothermal x precipitates, result-
ing in compositional and structural non-uniformities in
the b matrix. These then act as preferential sites for
heterogeneous nucleation of a precipitates, leading to a
highly refined dispersion of a precipitates in grain
interior.[9,12,13,16–18]
Although the effect of x phase on the formation of
intragranular a precipitates has been extensively studied,
its effect on the aGB formation has not been reported.
The allotriomorphic distribution of a phase along prior
b grain boundaries with the formation Widmanstatten a
plates is typical microstructure of near-a and a+b
titanium alloys in the solid solution and aged condi-
tion.[13,19,20] However, in precipitation-strengthened
metastable b titanium alloys, continuous grain bound-
ary a ( aGB) is frequently observed after aging.
[1,16,21–25]
The formation of continuous aGB at grain boundaries
will reduce the hardness of grain boundaries, which
results in large mechanical contrast between grain
boundaries the precipitation-hardened matrix, thereby
leading to fracture from the prior b grain bound-
aries.[21,26–28] Therefore, the suppression of continuous
aGB may aid ductility and fracture toughness of precip-
itation-strengthened metastable b titanium alloys.
The current work was inspired by the influence of x
phase on the precipitation of intragranular a precipi-
tates.[9,12,13,17,18,29] We systemically studied the role of x
phase in aGBformation using low heating rates up to the
aging temperature. After annealing at 820 C for
10 minutes, three different heating rates to 350 C,
400 C, and 480 C (4 C/min, 2 C/min, and 0.5 C/
min) for aging were used and the aged alloys were
systematically studied by scanning electron microscopy
(SEM), transmission electron microscopy (TEM), and
scanning transmission electron microscopy (STEM). We
found that x phase plays an important role for the
suppression of continuous aGB.
The Ti-1.5Al-8Mo-3Cr-2.5Fe (wt pct) alloy was arc
melted from pure elements in a high-purity argon
atmosphere. The ingot was homogenized at 1170 C
for 5 hours under flowing argon and water quenched. It
was then hot rolled at 1000 C from 23 to 13 mm
thickness and water quenched. The hot-rolled plate was
cold rolled from 13 to 6.2 mm in 5-6 pct strain incre-
ments, followed by annealing at 1000 C for 5 minutes
and water quenched. The plate was finally cold rolled
from 6.2 to 1.2 mm in 5-6 pct strain increments. The
thin plate was annealed at 820 C for 10 minutes under
flowing argon, followed by water quenching. After
annealing, the plate was cut into nine parts. Six of them
were heated to 350 C and 400 C at three different
heating rates (4 C/min, 2 C/min, and 0.5 C/min),
which are denominated 350-4, 350-2, 350-0.5, 400-4,
400-2, and 400-0.5, and water quenched immediately.
Two of them were heated to 480 C at two different
heating rates (4 C/min and 0.5 C/min) and held for
2 hours, followed by water quenching. The heat treat-
ment procedure is outlined in Figure 1. Samples for
SEM were mechanically ground and polished down to
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1 lm diamond suspension, followed by polishing using a
Gatan precision etching coating system (PECS) II
system at 3 kV, 5 deg for 20 minutes for backscatter
electron (BSE) imaging using a field emission gun
scanning electron microscope (FEI Inspect F50 FEG
SEM) operated at 10 kV. Samples for TEM were
mechanically ground to ~ 100 lm in thickness and
punched to 3-mm-diameter discs and then these 3-mm-
diameter discs were twin-jet electropolished with a
solution of 5 pct perchloric acid, 35 pct 2-bu-
toxyethanol, and 60 pct methanol at  35 C. An FEI
Tecnai T20 TEM operated at 200 kV was used to
characterize the annealed and aged samples. A high-
angle annular dark-field scanning transmission electron
microscopy (HAADF-STEM) (JEOL F200) coupled
with energy-dispersive spectroscopy was used to inves-
tigate possible formation of continuous aGB in the alloy
after aging at 480 C for 2 hours with a heating rate of
0.5 C/min.
Figure 2 presents the microstructure of Ti-1.5Al-
8Mo-3Cr-2.5Fe after annealing at 820 C for 10 min-
utes. As shown in Figure 2(a), the annealed alloy shows
typical equiaxed grains with a size in the range of 5-
120 lm. Figure 2(b) shows the dark-field TEM micro-
graph of the annealed alloy, recorded using the reflec-
tion marked by the red arrow in the selected area
electron diffraction (SAED) pattern shown in the inset
of Figure 2(b). The indexed ½110b zone axis diffraction
pattern identified the presence of athermal hexagonal x
phase in the bmatrix. Figure 2(b) shows the distribution
of x phase, with a size in the range of 0.5-3 nm.
As the formation of isothermal x phase depends on
the heating rate to the aging temperature,[5,9,12,16,30] we
used three heating rates, namely 4 C/min, 2 C/min,
and 0 C/min to 350 C and 400 C, to study whether x
phase formed or not at the grain boundary. Figure 3
shows the dark-field TEM images of 350-4, 350-2, and
350-0.5 alloys and insets are their corresponding ½110b
zone axis SAED patterns. As shown in Figure 3(a),
extensive formation of isothermal x phase in grain
interior was observed after heating to 350 C at a
heating rate of 4 C/min. The size of intragranular x in
350-4 alloy was measured in the range 1-9 nm. For 350-
2 alloy (Figure 3(b)), x phase in the grain interior was in
the range 1-8 nm and a higher number density was
observed than for 350-4 alloy. The x phase for 350-0.5
alloy (Figure 3(c)) was 1-8 nm in size with the highest
number density of the three alloys. No x-depleted zone
was observed at grain boundaries for the above three
alloys.
Figure 4 presents the dark-field TEM images of 400-4,
400-2, and 400-0.5 alloys and insets are their corre-
sponding ½110b zone axis SAED patterns. As shown in
Figure 4(a), extensive formation of isothermal x phase
in grain interior was observed after heating to 400 C at
a heating rate of 4 C/min. However, a x-depletion zone
with a width of ~ 20 nm was observed at the grain
boundary (marked by yellow dashed line in Figure 4(a)).
The size of intragranular x in 400-4 alloy was measured
in the range 2-13 nm. For 400-2 alloy (Figure 4(b)), x
phase in the grain interior (size range 3-23 nm) had
coarsened more due to the lower heating rate than for
400-4 alloy. Moreover, fine x phase with a size in the
range of 2-3 nm was observed at the grain boundary, as
marked by the yellow dashed lines in Figure 4(b). When
the heating rate for aging decreased to 0.5 C/min
(Figure 4(c)), the size of intragranular x phase was 5-
30 nm and no x-depletion zone was observed at grain
boundaries.
Figure 5 shows BSE SEM micrographs of Ti-1.5Al-
8Mo-3Cr-2.5Fe aged at 480 C for 2 hours at a heating
rate of 4 C/min (Figure 5(a)) and 0.5 C/min (Fig-
ures 5(b) and (c)). For a heating rate of 4 C/min
(Figure 5(a)), continuous aGBwas observed. Moreover,
Widmanstatten a plates were also observed at the grain
boundary. For the alloy with a heating rate of 0.5 C/
min, a discontinuous distribution of aGB was observed.
The discontinuous distribution of aGB was highlighted
by blue arrows in the zoom-in image of Figure 5(c).
Fig. 1—Schematic diagram of heat treatment procedure used in this
study.
Fig. 2—(a) BSE SEM image of Ti-1.5Al-8Mo-3Cr-2.5Fe annealed at
820 C for 10 min and quenched to room temperature. (b) Dark-
field TEM image recorded using the red arrow marked spot in the
inset showing the distribution of x precipitates of the Ti-1.5Al-8Mo-
3Cr-2.5Fe alloy heat-treated as in (a); inset is the corresponding
SAED pattern of ½110b zone axis.
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Moreover, in comparison with the size of intragranular
a precipitates in Figure 5(a), the intragranular a precip-
itates in Figure 5(b) are much finer, which is consistent
with reports that lower heating rates to the aging
temperature leads to finer intragranular a
precipitates.[9,16]
The grain boundaries of aged Ti-1.5Al-8Mo-3Cr-
2.5Fe alloys were studied by TEM and STEM (Fig-
ure 6). The formation of continuous aGB and Wid-
manstatten a plates was further confirmed for Ti-1.5Al-
8Mo-3Cr-2.5Fe with a heating rate of 4 C/min, as
observed in the bright-field TEM images in Figure 6(a).
For Ti-1.5Al-8Mo-3Cr-2.5Fe with a heating rate of
0.5 C/min, discontinuous aGB was also confirmed by
TEM, as shown in the bright-field image of Figure 6(b)
(highlighted by blue arrows). In order to confirm that
the bright grain boundary phase in Figure 6(b) is a
phase and the ubiquity of discontinuous aGB formation
at grain boundaries for Ti-1.5Al-8Mo-3Cr-2.5Fe with a
heating rate of 0.5 C/min, STEM and EDS line scan
were conducted. HAADF-STEM image in Figure 6(c)
clearly shows the discontinuous distribution of aGB
(highlighted by blue arrows), which is consistent with
Figure 5(b) and (c), and corresponding EDS line scan
(Figure 6(d)) shows that a phase was poor in b
stabilizers Mo, Cr, and Fe, while rich in Al. The inset
of Figure 6(c) is the zoom-in image of the red rectangle
marked region in Figure 6(c), which highlights the
discontinuous distribution of aGB. Four more random
selected grain boundaries are shown in Electronic
Supplementary Figure S1, which also confirms the
distribution of discontinuous aGB and some grain
boundaries without obvious aGB distribution were also
observed.
The suppression of continuous aGB is crucial to
achieve both high strength and high ductility, especially
in precipitation-strengthened metastable b titanium
alloys.[21–24] However, similar to a+b titanium
alloys,[22,31] the preferential nucleation and growth of a
phase at b grain boundaries during aging makes it
difficult to avoid.[22] The most efficient route to alleviate
the aGB formation is wrought processing,
[32] but this
Fig. 3—Dark-field TEM images of water-quenched Ti-1.5Al-8Mo-3Cr-2.5Fe alloy after annealing at 820 C for 10 min, followed by different
heating rates to 350 C and water-quenched immediately. (a) 4 C/min; (b) 2 C/min; (c) 0 C/min. Dark-field TEM images were recorded using
the red circle marked spots as shown in the insets. Insets are their corresponding SAED patterns of ½110b zone axis. The dashed yellow lines are
drawn to highlight the grain boundaries (Color figure online).
Fig. 4—Dark-field TEM images of water-quenched Ti-1.5Al-8Mo-3Cr-2.5Fe alloy after annealing at 820 C for 10 min, followed by different
heating rates to 400 C and water-quenched immediately. (a) 4 C/min; (b) 2 C/min; (c) 0 C/min. Dark-field TEM images were recorded using
the red circle marked spots as shown in the insets. Insets are their corresponding SAED patterns of ½110b zone axis. The dashed yellow lines are
drawn to highlight the grain boundaries (Color figure online).
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Fig. 5—BSE SEM micrographs of Ti-1.5Al-8Mo-3Cr-2.5Fe annealed at 820 C for 10 min, followed by water quenching to room temperature
and heating to 480 C at a heating rate of 4 C/min (a) and 0.5 C/min (b and c) and then held for 2 h. (c) The zoom-in image of (b)
highlighting the discontinuous distribution of aGB (highlighted by blue arrows in (c)) (Color figure online).
Fig. 6—TEM and STEM study of aged Ti-1.5Al-8Mo-3Cr-2.5Fe. The alloys were annealed at 820 C for 10 min, followed by aging at 480 C
for 2 h at a heating rate of 4 C/min (a) and 0.5 C/min (b) and (c). (a) and (b) Bright-field TEM micrographs. (c) HAADF-STEM image (inset:
zoom-in image of red rectangle marked region in (c)). (d) STEM-EDS line scan (marked by yellow line in (c)). The discontinuous distribution of
aGB in the alloy with 0.5 C/min is highlighted by blue arrows in (b) and (c) (Color figure online).
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route is not applicable to the promising near-net-shape
processing methods, such as additive manufactur-
ing.[22–25] This is because wrought process will break
the shape of part after additive processing. In this work,
we found that the formation of continuous aGB can be
alleviated by using low heating rates to the aging
temperature, which is applicable to the additive manu-
facturing parts. It is worth noting that all the heating
rates used in this work were lower than the reported
lowest heating rate (5 C/min) previously reported for
the refinement of intragranular a precipitates.[9,16] This
finding is significant because it suggests that even for a
low heating rate, such as 2 C/min, there is a x-
depletion zone at the grain boundary and that further
decreasing the heating rate can avoid the formation of a
x-depleted zone at grain boundaries. As suggested in
References 9, 13, and 17, the isothermal x phase in grain
interiors could play a direct or indirect role for the
copious nucleation of intragranular a precipitates.
Therefore, the presence of isothermal x phase at grain
boundaries is supposed to aid the heterogenous nucle-
ation of a phase at the grain boundaries,[17] leading to
discontinuous distribution of a phase at grain
boundaries.
As observed in Figure 3, x phase was observed at the
grain boundaries for the 350-4, 350-2, 350-0.5 alloys,
while for the 400-4 and 400-2 alloys, x-depletion zones
were observed. This indicates that grain boundary x
phase transformed to b phase during the temperature
increase from 350 C to 400 C in the 400-4 and 400-2
alloys. This finding is consistent with Zheng’s work that
an increase of aging temperature can destabilize both
isothermal x and a phase formed at 350 C, leading to
both x to b and a to b transformation.[9,12,13] It is well
established that the growth of isothermal x phase
requires the partitioning of alloy elements, which is
clearly time and temperature dependent.[16,30,33] For the
4 C/min and 2 C/min heating rate-treated alloys, the
size and volume fraction of x phase at the grain
boundary was smaller than that of 0.5 C/min heating
rate-treated alloy (Figures 3 and 4). This was because
the more rapid heating gave less time for x nucleation
and growth and alloying element partitioning, resulting
in smaller x and less significantly partitioning of b
stabilizers in comparison with that of the 350-0.5 alloy.
In comparison with grain interiors, the diffusion rate of
alloying elements at the grain boundary was faster.[34]
With increasing annealing temperature from 350 C to
400 C, the faster diffusion rate at grain boundaries
facilitated the homogenous distribution of b stabilizers
at grain boundaries, which further destabilized x phase
at grain boundaries, thereby resulting in the formation
of x-depletion zone at the grain boundaries in the 5 C/
min and 2 C/min heating rate-treated alloys. However,
for the 0.5 C/min heating rate-treated alloy, the volume
fraction and size of the x phase was significantly larger
than that of 4 C/min and 2 C/min heating rate-treated
alloys (Figures 3 and 4). This suggests that x phase was
better stabilized due to the lower heating rate (longer
heating/aging time) which resulted in greater alloying
element partitioning, so longer annealing time was
required for the homogeneous distribution of alloying
elements in the 5 C/min heating rate-treated alloy. As a
result, x phase was retained at grain boundaries at
400 C for 400-0.5 alloys. With an increase of temper-
ature from 400 C to 480 C, the x precipitates at grain
boundaries play a direct or indirect role in the heteroge-
nous nucleation of a precipitates at grain boundaries,
leading to the formation of discontinuous aGB.
In summary, our results suggest that in order to
alleviate the formation of continuous aGB in
metastable b titanium alloys, low heating rates (0.5 C/
min) need to be applied. This new finding is significant
for the production of high-strength and high-ductility
precipitate-strengthened metastable b titanium alloys,
especially for near-net-shape processing methods, such
as additive manufacturing, where wrought processing is
not applicable.
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